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ABSTRACT: The structural relaxation caused by the plastic deformation of polymer glasses is not yet
fully understood. In particular, the size scale of the localized plastic relaxation events is currently unknown.
In this work, the effect of molecular entanglement density on the shear activation volume of glassy
polymers has been studied. The shear activation volumes of miscible polystyrene—poly(2,6-dimethyl-1,4-
phenylene oxide) (PS—PPO) blends at different PS/PPO ratios have been determined experimentally by
both plane-strain and uniaxial compression at constant strain rates. We find that the same correlation
between the shear activation volume V¢, and the entanglement density pe holds for the blend as well as
for various pure glassy polymers: V3, = C(pe/nm-3%)* + Vo, with C = 8.2 + 0.4 nm?, o. = 0.6 & 0.03, and
Vo < 0.1 nm?3. The shear activation volume is closely related to the size of the plastic shear zones; therefore,
this correlation suggests that the cooperativity of the elementary processes of plastic deformation in glassy

polymers scales with pe.

1. Introduction

Although it is well-known that plasticity in crystalline
solids results from the nucleation, mobility, and growth
of lattice defects,! the phenomenon of plastic deforma-
tion in glassy polymers is not yet fully understood, even
though many phenomenological models that accurately
describe the behavior of plastic deformation in polymer
glasses do exist.2~ ! Early work'?13 postulated that the
deformation in glassy polymers is comprised of disloca-
tions that have mobility characteristics similar to those
in crystalline materials; however, it is now recognized
that dislocations do not govern the behavior of yielding
in glassy polymers.2 The difficulty in describing plastic
deformation in glassy solids arises because the concepts
of crystal plasticity! cannot be applied to materials that
do not have long-range translational order.2 Evidence
from atomistic computer simulation studies'4~8 and
calorimetric experiments!®20 indicates that plastic de-
formation in glassy materials is the result of repeated
nucleation of stress-relaxation events, which lead to
irreversible cooperative rearrangements of molecular
segments. These stress-relaxation events, which are
called shear transformations, are sessile; i.e, upon
nucleation, the shear transformations do not expand.2
Therefore, the rate of plastic deformation in glassy
polymers is controlled by the nucleation of shear trans-
formations, rather than by their mobility.211

A key parameter for understanding the plasticity in
glassy solids at a molecular level is the size of the
regions in which the shear transformations occur. For
polymer glasses, the length scale of these plastic shear
zones (PSZs)? is unknown, as are the molecular param-
eters that control it. The purpose of this work is to
explore the influence of the entanglement density (pe)
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on the length scale of the elementary events of plastic
deformation in glassy polymers.

Several theoretical models?1=24 have been proposed
to describe the molecular kinematics of plastic deforma-
tion in glassy polymers. These models focus on the
concept of highly localized structural change in polymer
segments during plastic yielding. Eyring?! postulated
that the applied stress causes a bias to the height of
the energy barrier between different stable arrange-
ments of the molecular segments, favoring deformation
in the direction of the applied stress. In the theory
proposed by Robertson,?? all backbone bonds in a
polymer chain are assumed to be in either a low-energy
trans state or a high-energy cis state. When stress is
applied, the fraction of the cis bonds is transiently
increased, which leads to an increase in the structural
temperature. The polymer structure becomes “liquid-
like” and, therefore, allows plastic flow to occur. With
the aid of the Williams—Landel—Ferry (WLF) equa-
tion,?® Robertson derived the plastic shear response for
glassy polymers. Although Robertson’s theory only
considers intramolecular forces, Argon’s model?® ad-
dresses intermolecular interactions by embedding in-
dividual chains in an elastic continuum. Plastic defor-
mation is caused by segmental rotations that are
thermally activated under the applied stress to over-
come the resistance that is generated from elastic
interaction of the polymer chain with its surroundings.

All these ad hoc mechanisms are based on the
assumption that the shear transformations are highly
localized, involving only a few segments. On the other
hand, atomistic computer simulation studies'>16 have
indicated rather diffuse shear transformations that
involve significantly more segments. In fact, the size
limitation of the simulation cells has prevented capture
of the entire PSZ, and, therefore, the length scale of the
PSZs is unknown. However, this length scale and the
shear activation volume (V*) are closely related, as will
be discussed below. The V* values for a few glassy
polymers have been determined experimentally,?6 and
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the sizes of the PSZs that have been calculated from
these data®® suggest that the shear transformation is
significantly larger than that postulated by the previ-
ously mentioned ad hoc mechanisms.

The goal of the present work is to explore the
influence of the entanglement density?’ (pe) on the shear
activation volume V*. For this purpose, we have focused
on miscible polystyrene—poly(2,6-dimethyl-1,4-phen-
ylene oxide) (PS—PPO) blends. In this system, pe can
be varied continuously by changing the composition.28
The shear activation volumes at different PS/PPO ratios
were determined experimentally. A correlation between
the V* and pe values of this blend, and of various pure
glassy polymers, is demonstrated. The V* value is
closely related to the size of a PSZ; therefore, our result
suggests that the length scale of the elementary pro-
cesses of plastic deformation is set by the value of pe.

2. Theory

A theoretical framework for plastic deformation in
glassy polymers can be formulated by considering the
change in the total energy of an elastic solid due to the
spontaneous thermal formation of a shear transforma-
tion in the presence of an applied shear stress. Assume
that an initially spherical region of volume Q undergoes
a spontaneous shear transformation of strain vy, produc-
ing an elastic stress field in its surroundings. The
change in the elastic energy due to this stress field is
given as?®

_ 7 — 5y 2
AE=30a — o @ @)

where u is the elastic shear modulus and v represents
Poisson’s ratio. Note that, because we apply linear
elasticity, AE does not depend on the externally applied
stress. However, the shear transformation causes dis-
placements, proportional to Q and y, that exert me-
chanical work on the external loading mechanism. This
work is given by2°

AW = 1yQ )

where 7 is the applied stress. For a spontaneous shear
transformation to lead to a plastic relaxation event, a
plastic shear zone (PSZ)? of volume Q¢ must be deformed
by at least T, where Q. and yT are determined by the
molecular structure of the material. Therefore, the rate
of deformation is controlled by the energy barrier AH
= AE + AW. Taking into consideration both a positive
deformation yT (along the applied stress) and a negative
deformation (against the applied stress), this results in
the Eyring flow expression:2!
T
[ R
Y =" exp(— %) smh(?c) 3)

where y is the shear rate, yo is a prefactor, KT is the
thermal energy, and all other parameters are the same
as described previously. The quantity yTQ. is known as
the shear activation volume, V*.” For temperatures far
below the glass transition temperature T4, where 7y TQ.
> KT, sinh x ~ 1/, exp(x) and

Mo AE — IVTQC)

7~ exp( o @

Under the same approximation, V* is given as the
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derivative of the apparent activation energy, with
respect to shear stress:

ViryTQ = kTN Y (5)
at
Ward® suggested a pressure-modified version of the
Eyring expression to account for the effect of hydrostatic
pressure on the shear yield stress. This modification
leads to the additional component of hydrostatic pres-
sure in the shear activation volume:

V*=9TQ (1 — y0) (6)

where y is the coefficient of pressure dependence and o
is a geometry factor that corresponds to different loading
geometries. The magnitude of y for polystyrene has been
determined experimentally to be 0.1,3! and the values

of a are +/3/3 for uniaxial compression and 1 for planar
compression. This leads to (1 — yo) = 0.942 for uniaxial
compression and (1 — ya) = 0.9 for planar compression.
The quality of the data obtained in the present study
cannot discern such a difference; therefore, the term (1
— xa) is replaced by unity in the present context.
Using eq 5, V* can be determined experimentally from
stress—strain data. To gain insight into the molecular
nature of the deformation process, it would be of interest
to know yT and Q. independently. Current computer
simulation evidence suggests that the value of yT is
universally ~0.02 for amorphous polymers.'> As more
data become available, particularly from simulations
with larger cell sizes, this point may need to be revisited.
The primary objective of the present work was to
explore the influence of the entanglement density pe,
which is a key structural parameter of amorphous
polymers, on the shear activation volume V*. Intuitively,
one would expect the elementary relaxation processes
upon deformation to be more collective (larger Q) for a
more highly entangled polymer. Together with the
assumption of a universal value for yT, this leads to the
expectation of a positive correlation between p. and V*.
The present work focuses on the well-known polysty-
rene—poly(2,6-dimethyl-1,4-phenylene oxide) (PS—PPO)
polymer blend system.32 This blend is miscible at all
compositions, and the pe values of the pure components
differ by a factor of 5. The p value of the blend can be
adjusted in the same range by varying the composition.

3. Experimental Section

Blends of polystyrene (PS) and poly(2,6-dimethyl-1,4-
phenylene oxide) (PPO) were prepared using coprecipi-
tation and melt blending. Three PS—PPO polymer
blends (PS molecular weight (M,,) of 280 000 g/mol, PPO
My = 244 000 g/mol; both from Aldrich Chemical Co.)—
with 25, 50, and 75 wt % PPO—were prepared using
the following coprecipitation technique. An appropriate
amount of each polymer was dissolved in chloroform
(HPLC grade) to give a 3 wt % polymer solution, which
was stirred at room temperature for 24 h. The resulting
polymer blend then was precipitated in a 10-fold volume
of methanol (certified ACS grade), and the polymer was
separated from the solvent by vacuum filtration. The
collected polymer was dried under vacuum at 333 K for
>48 h. For pure PS, the pellets were first dissolved in
the same solvent, and the polymer was harvested using
the same procedure. The homogeneity of the polymer
blend was confirmed using a Perkin—Elmer differential
scanning calorimeter. A single glass transition was
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Figure 1. Glass transition temperature (Tgy) of each composition (wt %) of PS—PPO blend measured on a differential scanning
calorimeter (Perkin—Elmer model DSC 7) at a heating rate of 20.0 °C/min in a nitrogen atmosphere, using polymer specimens

with a mass of 10—20 mg.

observed in all cases. Melt-blended PS—PPO samples
(the PS component was Styron 638, from Dow Chemical
Company, The Netherlands, and the PPO component
was PPO 803, from General Electric Plastics, The
Netherlands) were obtained from General Electric Plas-
tics. The measured Ty of each composition is shown in
Figure 1.

From the blends prepared by coprecipitation, rectan-
gular samples for plane-strain compression experiments
were compression-molded in a steel die with ground
surfaces. The polymer was first heated in the die to a
temperature 50 K above Ty for 7 min with no load. A
pressure of 190 MPa then was applied, and the sample
was allowed to cool to room temperature for 20 min. The
final dimensions of the rectangular samples were 8 mm
x 3 mm x 6 mm (length (I) x width (w) x height (h)).
The samples showed no inhomogeneity upon inspection
between crossed polarizers.

For the melt-blended polymers, the granular material
was molded into plates using two different methods. In
molding method I, the granular material was compres-
sion-molded, stepwise, into plates 9 mm thick. The
material was first heated in a mold with dimensions of
160 mm x 160 mm to 80—90 K above Ty for 15 min.
Next, the material was compressed in the mold at the
same temperature in five steps of increasing pressure,
up to 12 MPa, over a period of 5 min. The pressure was
released between these steps to allow degassing. The
mold was then placed into a cold press and cooled to
room temperature at a pressure of 4 MPa. From these
plates, rectangular bars with a cross-sectional area of
9 mm x 9 mm were cut, from which cylindrical samples
with dimensions of 6 mm x 6 mm were machined for
uniaxial compression experiments. In molding method
11, 30 g of the granular material was first homogenized
into a single mass, using a Brabender Prep-center that
had been fitted with roller blades and a 30-mL bowl, at
a temperature 60 K above T4 and a speed of 30 rpm for
3 min. The single mass was then heated in a mold with
dimensions of 42 mm x 66 mm x 8 mm (I x w x d) to
80 K above Ty for 15 min. The material then was
compressed in the mold to a thickness of 4 mm at a

Stamp

Sample

Die

Figure 2. Schematic drawing of a plane-strain compression
experiment by means of a channel die. The entire setup is
mounted onto a mechanical testing machine, and the sample
is extruded by means of a stamp. The deformation geometry
is characterized by three directions: F (free), C (constraint),
and D (deformation).

pressure of 10 MPa for 5 min and was cooled to room
temperature over a period of 10 min. Rectangular
samples with dimensions of 8 mm x 3 mm x 6 mm (I x
w x h) were machined from these slabs for plane-strain
compression experiments.

Plane-strain compressive deformation was performed
by means of a channel die that was fixed onto an Instron
model 8500 mechanical testing unit. Figure 2 illustrates
the testing geometry. The channel die was jacketed with
a circulating water bath that was maintained at a
temperature of 297.0 + 0.2 K. To reduce friction, the
samples were wrapped in a thin layer of poly(tetrafluo-
roethylene) (PTFE) tape, and surfaces between the tape
and the channel die were lubricated with a soap—water
solution.33 The deformation experiments were conducted
at strain rates of 3.0 x 1074, 6.0 x 1074, 1.2 x 1073,2.4
x 1078, 4.8 x 1078, and 9.6 x 1072 s~1. Three samples
were tested at each strain rate. A computer program
was used to control the Instron testing machine by
continuously adjusting the velocity of the actuator such
that the separation between the stamp and the die
followed an exponential decay, thus ensuring a constant
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Figure 3. True stress—strain curves of a coprecipitated 40/60 PPO blend, which resulted from plane-strain compression by
means of a channel die at various strain rates. Strain rates (curves from top to bottom) are 9.6 x 1073, 4.8 x 1073, 2.4 x 1073, 1.2
x 1078,6.0 x 1074, and 3.0 x 10~“. Arrow indicates the yield stress. Inset shows the pre-deformation to a strain of 0.16 at a strain

rate of 3.0 x 107

logarithmic strain rate.®® True stress, as a function of
true strain, was recorded. The data were corrected for
the finite compliance of the experimental setup, which
was measured by running an experiment with an empty
channel die. Immediately prior to the actual measure-
ment, each sample was pre-deformed to a strain of 16%,
using the slowest strain rate, to erase the thermome-
chanical history. After the pre-deformation treatment
was completed, the load was released and the actual
deformation experiment with a prescribed strain rate
began immediately.

Uniaxial compression tests were performed on a
servo-hydraulic testing system (MTS Elastomer Testing
System model 810). Cylindrical samples were com-
pressed between two parallel, flat steel plates at con-
stant logarithmic strain rates of 1073, 1072, and 10!
s~L. All tests were conducted at a temperature of 298.0
+ 0.5 K, which was controlled by placing the entire
setup in a temperature chamber that was cooled with
liquid nitrogen. To ensure a thermal equilibrium at the
desired temperature, the sample was mounted in the
setup 15 min prior to the testing. The applied method
for lubrication was the same as that previously de-
scribed. The aging history of the samples was erased
by heating to 10 K above Ty, followed by rapid quench-
ing. During the compression test, no bulging or buckling
of the sample was observed, indicating that the friction
was sufficiently reduced. The relative displacement of
the steel plates was recorded by an extensometer
(Instron model 2630-111). Both displacement and force
were recorded by data acquisition at an appropriate
sampling frequency that was dependent on the strain
rate such that a minimum of 1000 data points were
collected per test.

4. Results and Discussion

To be able to compare results from different testing
geometries, the yield stress in the deformation direction,
op, Which was obtained from the maximum of a true
stress—true strain curve, was converted to the equiva-
lent shear stress at the yield point, 7eq. Figure 3

illustrates an example of a full set of stress—strain
curves. teq is defined as the second invariant of the
stress tensor o:

Teq = \/%[(01 - ‘72)2 + (0, — 03)2 + (03 — 01)2] ()

where gj are the principal stresses. For uniaxial com-

pression, teq = oD/~/§, whereas for plane-strain com-
pression, under the assumption of elastic isotropy and
a Poisson’s ratio of v = 0.4, 7eq = 0.5007. All results in
the remainder of this paper are given in terms of g.
Figure 4 shows the equivalent yield stress as a function
of PPO content. The yield stress increases steadily up
to a PPO content of 60%, where it reaches a maximum.
The dependence of the yield stress on the strain rate
decreases monotonically as the PPO content increases.

The shear activation volume V§, was obtained from
linear regression of the natural logarithm of the shear
rate, as a function of the von Mises equivalent yield
stress, as illustrated in Figure 5. The results for melt-
blended and coprecipitated blends, obtained from uniax-
ial and plane-strain compression, are summarized in
Figure 6. The value of V, increases from ~1.5 nm? for
pure PS to 3.3 nm?3 for pure PPO. The large error bars
observed in the coprecipitated samples may result from
variability among the individually molded samples. The
scatter is much smaller in the case of the melt-blended
samples, which were cut from a single molded plate
(Figure 5). Note that our results, which were obtained
independently in two separate laboratories, seem to
conflict with the results of Creton et al.,3* who found
the activation volume to be independent of composition.

As shown in Figure 7, the activation volumes of the
blends under study here, as well as those of other glassy
polymers, fall onto the same master curve if plotted asa
function of the entanglement density pe. The entangle-
ment density of a polymer is given as

_ PN4

Pe ="\ 8

e
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Figure 4. Equivalent yield stress for various PS—PPO blends, as a function of PPO composition. Yield stress is taken as the

maximum of a true stress—true strain curve.
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Figure 5. Equivalent shear stress as a function of equivalent strain rate from plane-strain compression of PS—PPO blends: ()
blends prepared by coprecipitation and (®) blends made by melt blending and compression-molded using method I1. Solid lines

show the linear regressions.

where p is the mass density, Na denotes Avogadro’s
number, and M is the molecular weight between
entanglements. Values of pe for pure polymers, including
PS and PPO, were determined from the plateau moduli
given by Fetters et al.3> For the blends, p. was calculated
by employing the mixing rule that was proposed by
Tsenoglou3® originally for the plateau modulus, Gn°:

G\ = ¢1(G)1 ™ + 9,(G\1), )

where ¢ is the volume fraction and the subscripts b, 1,
and 2 represent the blend and the two pure components,
respectively. This mixing rule is based on the random
formation of entanglements between chains of the two
components. Lomellini?® showed that the PS—PPO
blend system obeys this mixing rule to good precision
over the entire range of compositions. The entanglement

density pe is proportional to the plateau modulus Gn°;%7
therefore, it must also follow this mixing rule.

The results shown in Figure 7 clearly suggest a
correlation between the shear activation volume Vg,
and the entanglement density pe. Vg, and the size of a
PSz, Q. are closely related (cf eq 6). The same trans-
formation shear strain, yT ~ 0.02, has been found in
computer simulation studies of the plastic deformation
of both atactic polypropylene!®> and polycarbonate,6
despite the higher chain stiffness in the latter. There-
fore, it has been concluded tentatively that different
polymers have the same, or at least similar, transfor-
mation shear strains. In view of this hypothesis, the
correlation demonstrated in this contribution suggests
that the size of the PSZs increases systematically as
the pe value of the polymers increases. It seems intui-
tive that a more highly entangled polymer should
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Figure 6. Shear activation volume of PS/PPO blend (VZ), as a function of PPO composition. Open symbols represent melt-
blended PS—PPO blend (circles represent uniaxial compression samples made from molding method 1, and triangles represent
plane-strain compression samples made from molding method I1). Filled squares denote coprecipitated PS/PPO blends in plane-
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Figure 7. Correlation between the shear activation volume VZ and the entanglement density p. of glassy materials. Solid

symbols denote V¢, data from ref 15 and pe data from ref 35. PS, polystyrene; PMMA, poly(methyl methacrylate); PPO, poly(2,6-

dimethyl-1,4- phenylene oxide); PET, poly(ethylene terephthalate); and BPA-PC, bisphenol A polycarbonate. Legend: (O) V* of

metallic glass PdsSizo (from ref 38); (a) coprecipitated PS—PPO blend, plane-strain compression (from present study); (O) melt-

blended PS—PPO blend (molding method 1), uniaxial compression (from present study); and (&) melt-blended PS—PPO blend

(molding method II), plane-strain compression (from present study)). The solid line is a power-law fit to the data. A scaling factor
of 0.3 has been applied to the shear activation volumes reported in ref 15, to account for a different definition of V*.

exhibit more cooperative elementary plastic events and,
thus, a larger ngq value. However, to our knowledge,
there is currently no formal theory that predicts the
observed correlation between Vg, and pe.

As shown in Figure 7, the data are well represented
by the power law

VE = ( pe_ )m+v0 (10)

with C = 8.2 & 0.4 nm® and o = 0.6 £ 0.03 (error
margins represent one standard error of fit). Vo, which

represents the residual activation volume in the absence
of entanglements, is not determined reliably by our
data. We can only indicate an upper bound of Vo < 0.2
nms3. By comparison, the activation volume of the
metallic glass PdgeSizo has been determined to be 0.11
nm3.38 Alternatively, the data can be represented by a
straight line with a slope of 9.1 &£ 7.0 nm® and an
intercept of 1.0 & 0.7 nm3; however, the quality of fit is
noticeably worse than for the power law. Our results
indicate that p. has a crucial role in the initial stages
of plastic deformation and suggest that the yield be-
havior of polymers below the glass transition may be
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predicted by pe.. Both the strain hardening at large
homogeneous deformations® and the crazing behav-
ior3940 have been shown to be related to the existence
of molecular entanglements. In the latter case, it has
been shown that the extension ratio in the craze fibrils
directly reflects the maximum extension warranted by
the entanglement density in PS—PPO blends of various
compositions.*! Similar studies on chemically cross-
linked polystyrene have confirmed that the fibril exten-
sion ratio is really controlled by the topological con-
straints that are caused by molecular entanglement.*?
The results presented in this paper are suggestive of a
similarly important role of the topological entanglement
constraints in determining the size scale of the elemen-
tary processes of plastic deformation.However, note that
the entanglement density p. is controlled by the molec-
ular geometry and stiffness.3> Therefore, the correlation
between p. and V* might not be due to a direct causal
link. Instead, both quantities might be dependent on
the molecular geometry in a similar way. Experiments
on chemically cross-linked polymers will be very helpful
in clarifying this point.

5. Conclusions

In summary, a universal correlation between the
shear activation volumes and the entanglement densi-
ties of the miscible polystyrene—poly(2,6-dimethyl-1,4-
phenylene oxide) (PS—PPO) polymer blend system and
those of various pure glassy polymers has been dem-
onstrated. The shear activation volumes of the polymer
blends at different PS/PPO ratios were determined
experimentally from plane-strain and uniaxial compres-
sion. Our result suggests that the cooperativity of the
elementary processes in plastic deformation scales with
the entanglement density in glassy polymers. Whether
this is due to a direct role of the topological entangle-
ment constraints in plastic deformation remains an open
guestion, which may be clarified by future experiments
on chemically cross-linked samples.
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